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Several Ni-Ai-Mo-based eutectic superalloys were rapidly solidified using a chilled block melt 
spinning process. The effects of rapid solidification on the microstructure were studied using 
optical microscopy, transmission electron microscopy (TEM), and scanning transmission elec- 
tron microscopy (STEM). Results showed, except for the alloy containing chromium, that the 
microstructure varied as a function of ribbon thickness from segregationless solidification at 
the wheel side of the ribbon to dendritic solidification at the free side. In addition, alloys with 
the same solidification rate showed a large variation in microstructure depending upon the 
solid state cooling rate. The rapidly solidified eutectic Ni-AI-Mo alloy with a small amount of 
rhenium and vanadium did not show any improvement on delaying or prohibiting the for- 
mation of the embrittling 5-NiMo phase on ageing at 1OO0~ This was determined from 
microstructural as well as chemical analysis using STEM. Differential thermal analysis was 
used to obtain melting temperature, 7'-Ni3AI solvus, and heat of formation for the alloys. 

1. In troduct ion  
Rapid solidification processes (RSP) were practiced 
industrially over 150 years ago in the production of 
lead pallets [1]. It was however not until about a 
quarter of a century ago that the metallurgical advan- 
tages of RSP such as increased degrees of homo- 
geneity, higher levels of supersaturation, refined grain 
size, and novel microstructures, including metallic 
glass were first recognized from the work of Duwez 
and his associates on splat quenching from the molten 
state [2-4]. Since then numerous studies have been 
made in the area of RSP and many reports on rapidly 
solidified materials with superior engineering proper- 
ties such as better corrosion resistance and high tem- 
perature mechanical properties, have been published. 

The chilled block melt spinning (CBMS) process is 
one of many processes in the category of RSP and has 
been used for both research sample preparation for 
alloys of aluminium, iron, nickel, copper, lead, and 
many others, and commercial production at high rate 
(about 60ftsec -~) for iron- and nickel-base alloys 
[5, 6]. By this process technique uniquely shaped 
products, such as tool steel ribbon, can be made with- 
out rolling and annealing treatments [5]. Compared 
with products from other rapid solidification pro- 
cesses, the continuous ribbon product of the CBMS 
process is more convenient to manipulate for further 
studies. In addition, the high cooling rates associated 
with the fast solid state cooling in this process make it 
possible for the alloy to achieve complete solid solu- 
bility in the as-cast condition. This means that it is 

possible to study the characteristics of alloy phase 
transformations (especially the very early stages) with- 
out solution treatment before ageing. 

In an attempt to develop Ni-base superalloys for 
high temperature structural applications both direc- 
tional solidification [7-15] and rapid solidification 
processing [16-23] have been used extensively. Direc- 
tionally solidified eutectic Ni-base superalloys have 
received considerable interest in the past decade 
as candidates for a new family of turbine-blade 
materials. In particular, among the many alloy sys- 
tems investigated a directionally solidified eutectic 
Ni-AI-Mo system [7-12] has been proven to be one of 
the more promising alloys as an advanced gas turbine 
blade material'since its ductile/ductile composite 
structure is reported to yield about 55~ operating 
temperature improvement over the current best 
superalloy used in aeroengines [24]. This composite 
structure showed further improvement in room tem- 
perature mechanical properties through modification 
of the 7'-Ni3AI morphology from massive to par- 
ticular through a post-solidification heat treatment 
[7, 25]. However, the stability of the composite with 
the modified microstructure is reported to deteriorate 
at high temperatures, resulting from the formation of 
a brittle intermetallic compound, 5-NiMo through a 
pseudo-peritectoid reaction [10, 26, 27]. This phase 
reduces the high temperature properties, such as 
creep-rupture strength. However, no attempts to 
avoid or delay the formation of this intermetallic 
phase have been reported in the literature to date. 
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The objective of this work was to determine the 
effects of rapid solidification and alloying on the 
microstructure of Ni-A1-Mo base alloys. In par- 
ticular, the stability of the 6-NiMo intermetallic com- 
pound was investigated. Extensive studies of the as- 
cast ribbon were used as a base for subsequent studies 
on phase transformations, on alloying effects on 
the formatiov of intermetallic compounds, and on 
property-microstructure relationships, which are 
reported elsewhere [28]. 

voltage of 100 kV was used for the STEM study. Heat 
treatments at 1000~ for MS20 samples were per- 
formed using a vacuum furnace connected to a dif- 
fusion pump and samples were furnace-cooled. 

Differential thermal analysis (DTA) was carried out 
using either a Perkin-Elmer (model DSCII) differential 
scanning calorimeter (DSC) or a Netzsch DTA. The 
DSC instrument was calibrated using the melting of 
gold. Samples of about 50rag were heated at 
20 ~ C rain-~ up to 1450 ~ C and cooled at the same rate. 

2. E x p e r i m e n t a l  p r o c e d u r e  
In this work, a Ni-A1-Mo ternary eutectic alloy was 
used as a base with small alloying additions being 
made to the alloy. The compositions listed in Table I, 
were produced by melting the component elements 
with over 99.9% purity in a vacuum induction furnace 
to produce 200 g ingots. During melting the vacuum 
was maintained at 1.2 x 10 - 4  Pa. The molten metal 
held in an alumina crucible was poured into a copper 
mould to produce a 0.5 x 0.5 x 5 in alloy bar. The bar 
was weighed and the weight loss was determined to be 
negligible. The bar was cut into approximately 25 g 
pieces for the melt spinning process. 

Approximately 25 g of  alloy was put into a dense 
alumina crucible and heated to 1400~ C and held for 
2rain. The molten metal was then pressurized to 
12.5 p.s.i, using helium gas to cause ejection through a 
0.04 inch diameter nozzle onto a rotating 4340 steel 
wheel with a diameter of 7 in. Two different wheel 
speeds, yielding 20 and 30 m sec- ~ surface speeds, were 
used to study the effect of the wheel speed on the 
cooling rates and the microstructure. 

The mechanically polished samples for optical 
microscopic studies wre etched using Marble's 
reagent. The thickness of the ribbon was measured by 
photographing the cross section of the ribbon. 

In order to study the surface morphologies of  both 
sides of the ribbon, carbon replicas of the ribbon 
surfaces were produced. The samples were electro- 
lyrically etched in 2% citric acid plus 2% ammonium 
sulphate in distilled water for 30sec at an applied 
voltage of 3-5 V. 

For  the TEM and STEM studies, 3 mm discs were 
cut from the as-cast ribbons and electropolished. The 
electrolyte used for this study consisted of one part (by 
volume) of 70% perchloric acid and 9 parts of high 
purity methanol and the temperature of the electrolyte 
was maintained at - 6 0  ~ In order to study the 
microstructure of ribbon as a function of the ribbon 
thickness a single side polishing technique was used 
[29]. Samples were examined in a JEOL 100 CX at 
100kV and a Phillips 400EM at 120kV. A vacuum 
generators VG-5 dedicated STEM with an operating 

T A B L E  I Alloy composit ions 

Alloy Composi t ion (at %) Wheel speed 

designation Ni A1 Mo V Re Cr (msec-~)  

MS20 65 13.5 19.2 1.9 0.4 20 
MS30 65 13.5 19.2 1.9 0.4 30 
MS30E 65.7 17.6 16.7 - - 30 
MS3OCr 68 12 10 - - 10 30 

3. Results and discussion 
3.1. Differential thermal analysis 
The DSC and DTA results are shown in Fig. 1. The 
information obtained from these experiments is sum- 
marized in Table II. The melting temperature and the 
7' solvus of MS30 show close agreement between the 
results obtained from the two different instruments 
used, considering that the Perkin-Elmer gives about 
a 10 ~ C temperature error in the melting point of pure 
gold [30] as shown in Table II. From the results 
obtained using the Netzsch DTA, the melting point of 
MS30 is in the range from 1302~ on heating to 
1297~ on cooling. Since the alloy is expected to 
undercool during cooling, especially with the high 
cooling rate (20 ~  -L) used in this study, the 
transformation temperature on heating was taken to 
be more accurate. The value of the 7' solvus of MS30 
was determined to be 1260~ C in this study, although 
no clear peak is produced for this transformation so 
that there is some uncertainty in this value. The DTA 
on MS20 which has the same composition as MS30 
but spun at a different wheel speed gave similar results 
for the melting temperature of the alloy. Knowing the 
heat of fusion of the reference pure gold, the heat of 
fusion for MS30 was calculated to be 8.9 + 0.5kJ 
tool -1" 

The melting temperature of MS30E was measured 
to be 1290 ~ C on heating and 1289 ~ C on cooling. This 
is about 10-15 ~ C lower than the results on the melting 
temperature of the eutectic Ni-A1-Mo alloy reported 
by Pearson and Lemkey (1300~ [31]) and Waka- 
shima et al. (1305 ~ C [26]). The melting temperature of  
MS30Cr was measured to be 1324 ~ C on heating and 
1316~ on cooling. Hence the chromium containing 
alloy has the highest melting temperature and the 

T A B L E  II Results of  differential thermal analysis 

Perkin-Elmer? Netzsch 

Alloy Alloy 

MS30 MS20 Au* MS30 MS30E MS30Cr 

Liquidus/solidus onset temperature (~ C) 
Heating 1291 1290 1054 1302 1290 
Cooling 1283 1285 1045 1297 1289 

7' solvus (o C) 
Heating 1251 1249 1260 
Cooling 1218 1214 1225 

Heat of fusion (kJ mol- t ) 
Heating 9.369 
Cooling 8.472 

1324 
1316 

*Used as a reference for temperature and enthalpy calibration. 
+ Equipment used. 

1 220 



"T 
0 
(ll 

-6 
o 
E 

50 

45 

40 

35 

30 

25 

20 

15 

10 

5 

0 
3OO 

Flu peak 

coo I i ng I [  

V 
(a) 

i i i 

400 500 600 

;30 
~cl!K 

/ 
/ 

I i i i I i i 

700 000 g00 10110 1101] 1200 1300 1400 
T~mperature (o C) 

0.0 

-I.0 
O 
v 

.,::Z 

I--- 

-2.0 

-3.0 
0 

(b) j 

400 800 1200 1600 
Temperature (~ 

0.0 

~' -1.0 

o -2.0 

-3.0 
0 400 800 1200 1600 

Temperoture (~ 

0.4 

-0.6 

0 

< -I .6 b--  
c2) 

-2.6 

-3.6 
0 

( d ) ~176176 l~] /'~~176176 
400 800 1200 1600 

Temperature (o C) 

eutectic MS30E the lowest. The DTA curves for 
MS30E and MS30Cr are shown in Fig. l c and d, 
respectively. 

At around 600~ a shallow, broad peak was 
observed consistently in all four specimens. This peak 
is believed to be due to complex solid state reactions 
including metastable transformations. Even though 
detailed analysis on this peak was not attempted, it 
can be deduced from the exothermic nature of the 
peak on heating MS30 in Figs l a and b that the 
rapidly solidified alloy transforms from its as-cast 
metastable state to an equilibrium state with lower 
free energy. This involves spinodal ordering and preci- 
pitation of  c~-Mo as well as metastable precipitates 
[28]. On cooling MS30, Figs l a and b, the exothermic 

F(gure 1 DTA results on (a) MS30 (Perkin-Elmer), (b) MS30 
(Netzsch), (c) MS30E (Netzsch), (d) MS30Cr (Netzsch). 

peak at low temperature is due to precipitation of a 
second phase possibly through a discontinuous trans- 
formation [28]. 

The solid state pseudo-peritectoid reaction (7 + 
c~ ~ 7' + 5 at 1130 ~ C) was reported to give rise to an 
additional endothermic peak superimposed with the 7' 
peak [26]. This, however, was not observed in this 
work probably due to the high heating and cooling 
rate used in the experiments. 

3.2 .  O p t i c a l  m e t a l l o g r a p h y  
Optical micrographs showing the structural develop- 
ments through the thickness of the as-cast ribbons 
of MS20, MS30, MS30Cr and MS30E are shown in 
Figs 2a to d. The side which contacted the wheel will 
be referred to as the wheel side (WS) and the opposite 
side will be called the free side (FS), as indicated in 
Fig. 2. The casting direction is indicated by arrows. 
The local thickness of the ribbon shows some vari- 
ation due to variability in the many processing par- 
ameters, such as wheel surface roughness, melt flow- 
ability, and liquid metal wettability. In general the 
ribbon melt-spun at low wheel speed has a consistently 
larger thickness than that produced using a higher 
wheel speed. The average thickness of MS20 is about 
45 __+ 5#m and the alloys melt-spun at 30msec J 
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Figure 2 Optical micrographs showing the transverse section of the ribbon, (a) MS20, (b) MS30, (c) MS30Cr, (d) MS30E. 

have an average thickness of 30 + 3 #m independent 
of the alloy composition. The width of the ribbon was 
independent of the wheel speed used and the com- 
positions and was measured to be 3.5 _+ 0.5ram. 

The structural developments from the wheel side to 
the free side of the ribbon were different depending 
upon the composition. With the exception of 
MS30Cr, the alloys underwent planar solidification 
followed by cellular solidification as the solidification 
front traversed from the wheel side to the free side of 
the ribbon. A transition region between two solidifi- 
cation modes was observed and dendritic solidifi- 
cation was observed on the free surface of the ribbon. 
The average width of the planar solidification region 
was about 6 #m and independent of the wheel speed. 
A recent study [32] has shown that the solidification 
rate varies as a function of thickness. Based on melt 
puddle resident time measurements, Huang et al. [33] 
reported the relationship between ribbon thickness 
and the solid-liquid interface growth velocity in a 
melt-spun Ni-base superalloy. According to this 
relationship, the growth velocity in the planar solidi- 
fication region is higher than 608.3 mmsec -~ and the 
growth velocities in the cellular solidification region 
are greater than 81.1 and 121.7mmsec -1 for ribbons 
cast at 20 and 30 m sec- 1, respectively. MS30Cr exhibits 
cellular solidification exclusively throughout the 
ribbon, Fig. 2c. The columnar grains in the cellular 
solidification region lean toward the leading end of the 

ribbon at varying angles from about 10 to 25 ~ 
depending upon the location, compositions, and cast- 
ing speeds. Similar observations have been reported in 
previous investigations of melt-spun Ni-Mo [34] and 
Ni-base superalloys [35-37]. Even though the quan- 
titative relationship between the inclination degree 
and variables, such as composition and casting speed 
are not elucidated to date, the effect is probably due to 
solute rejection at the solid-liquid interface. The work 
by Tewari and Glasgow [34] on melt-spun Ni-Mo 
alloys supports this suggestion, in that by applying 
higher wheel speed (higher cooling rate) the solute 
rejection at the interface was restricted resulting in 
planar solidification. It is also noted that the width of 
the cells in the cellular solidification region increases 
on going from the wheel side to free side, implying a 
decreasing solidification rate toward the free side of 
the ribbon. 

Occasionally, a different solidification morphology 
through the ribbon was observed as shown in Fig. 2d. 
This occurs when the molten metal does not contact 
the substrate wheel surface. In this region (indicated 
by the arrow) the planar solidification region was 
missing and the somewhat different solidification 
morphology resulted from the change in the heat 
transfer direction. 

The change in the solidification morphologies with- 
in the ribbon can be understood using the relationship 
between temperature gradient and interface velocity 

1222 



Figure 3 Carbon replicas of surface morphologies of the melt-spun ribbon, (a) wheel side, (b) free side. 

[38]. At the beginning of solidification there is a large 
temperature gradient in the superheated melt and this 
results in planar solidification near the wheel side of 
the ribbon. On further solidification, the temperature 
gradient decreases and the protuberances on the 
planar front begin to form in random directions, 
resulting in a transition region in the ribbon. The 
protuberances with a favoured solidification direc- 
tion ((1 00)  in fcc  alloys) continue growing to 
form the cellular morphology, while others decay. A 
transition from cellular solidification to dendritic was 
not observed optically in the alloys studied in this 
work. 

3.3. TEM microstructures of as-cast alloys 
3.3. 1. MS20  alloy 
Surface morphologies of the as-cast ribbon were 
examined using the carbon replica technique. The 
surface morphologies of the wheel side and the free 
side of the ribbon are shown in Figs 3a and b, respect- 
ively. Figure 3a shows two different areas: contacted 
and noncontacted. The large featureless area rep- 
resents a region where the ejected molten metal con- 
tacted the wheel surface and  the other is the noncon- 
tacted area. The observation of two different areas in 
the surface morphology of the wheel side of the ribbon 
is consistent with the transverse optical micrograph in 

Fig. 2d. The solidification morphology at the noncon- 
tacted area (marked X in Fig. 3a) suggests that heat 
transfer occurs towards the contacting areas. The 
featureless area in Fig. 3a represents the surface 
morphology of the region where planar solidification 
is observed in Fig. 2d. Dendritic solidification is 
observed at the free side of the ribbon, as shown in 
Fig. 3b. The secondary dendrite arm spacing was 
measured to be on the order of 0.1 #m. The equivalent 
cooling rate with this value is about 10s-106 Ksec 
using the empirical relationship between the second- 
ary dendrite arm spacing and the solidification rate for 
Inconel 718 [35]. 

Preferential electropolishing was performed in 
order to investigate the microstructure as a function of 
ribbon thickness. No apparent sign of transformation 
in the planar solidification region is observed, Fig. 4a. 
The grains in the planar solidification region are 
polygonal, sharply-edged, and average grain size 
is 0.7/~m. Assuming every grain represents a single 
nucleation event [33], the nucleation density is about 
2 x 1016 mm -~. In the transition region between the 
planar and the cellular solidification region, develop- 
ment of the cell structure is observed as well as the 
trace of a second phase at the boundaries, Fig. 4b. The 
average grain size and the average cell size in the 
transition region are on the order of 0.8 and 0.15 #m, 

Figure 4 TEM micrographs of MS20 from (a) planar solidification region, (b) transition region. 
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respectively. The grains in the transition regions are 
very irregular in size as well as shape. A particular 
interface morphology is dependent upon many vari- 
ables, such as local temperature distribution, local 
solute distribution, and kinetics of the solidification 
process [39]. The irregularity observed in the tran- 
sition region is believed to be due to the preferred 
solidification direction of fcc alloys, as discussed 
earlier. 

Figure 5 TEM micrographs of the cellular region in MS20, (a) BFI, 
(b) DFI of y'-Ni3Al, (c) SADP, [001] zone. 

The microstructures from the cellular solidification 
region are shown in Figs 5 and 6. Dark-field imaging 
of one of the fundamental reflections illuminates a 
grain containing several cells separated by low angle 
boundaries. This observation supports the proposed 
mechanism on the change of the solidification 
morphology as a function of ribbon thickness dis- 
cussed above, in that several cells are developing from 
one grain. The average cell size in this region is on the 
order of 0.4/~m in diameter. Comparing this cell size 
with the one in the transition region, cell growth in a 
lateral direction is apparent, due to the decay of the 
non-preferred cells. A striated structure within the 
cells, indicative of spinodal decomposition [40] is 
shown in Fig. 5a and the corresponding selected area 
diffraction pattern (SADP), in Fig. 5c, exhibits 
satellite spots around the fundamental fc c reflections, 
also evidence of a spinodally decomposed structure. 
Also the SADP in Fig. 5c shows the superlattice reflec- 
tions from the 7'-Ni3A1 phase and streaking from the 
fundamental reflections in ~ 1 0 0). This streaking may 

Figure 6 TEM micrograph of the 
cellular region in MS20 which 
underwent slow solid state cool- 
ing ([001] zone for the inset 
SADP). 
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Figure 7 TEM micrographs of the cellular region in MS30, (a) BFI, (b) SADP, [0 0 1] zone, showing only 7 solid solution. 

be due to elastic strain associated with the fine struc- 
ture from the spinodal decomposition. In addition 
diffuse intensity around the fundamental reflections is 
observed in Fig. 5c, suggesting the existence of short 
range order [40]. A dark-field image (DFI) of 71 from 
a superlattice spot in Fig. 5c is shown in Fig. 5b. The 
size and shape of the phase was difficult to identify 
because of the fine nature of the phase. 

Thin foil specimens for TEM study were prepared 
from the different regions of the MS20 ribbon. 
Figure 6 shows the microstructure of the cellular 
solidification region of as-cast MS20. Comparing 
this with Fig. 5, a greater amount of transformation 
both at the boundaries and within the cells was 
observed. Within the cells the modulated structure 
had developed further. Also, dark thin plate-like pre- 
cipitates were observed within the cells and at the cell 
boundaries a wall of precipitates with a thickness 
of about 25nm was observed. Both phases were 
identified as c~-Mo phase which has the Nishiyama- 
Wasserman orientation relationship with the matrix. 
A possible explanation for the different microstruc- 
tures found in the cellular solidification region 
depending upon the ribbon taken for the examination 
could be that the ribbon used for Fig. 6 had undergone 
slower solid state cooling than the one for Fig. 5. 
Localized slow solid state cooling can occur from the 
variability in the lifting-off point from the wheel sur- 
face during the CBMS process or from the ribbon 
being in contact with other ribbon whilst cooling in 
the collection chamber. However, the average cell 
sizes (0.4/~m) are similar, suggesting similar solidifi- 
cation rates. The thickness of the plate-like c~-Mo 
precipitate in the cells seems to be uniform (about 
2nm) and the length of the precipitate varies from 
approximately 20 to 50 nm. The SADP in Fig. 6 con- 
tains many diffraction spots from the various phases, 
7, 7'-Ni3A1, and c~-Mo. It also has many double dif- 
fraction spots of the ~-Mo phase. 

The composition of the c~-Mo phase at the cell 
boundary and that of the matrix were analysed using 
a scanning transmission electron microscope and the 
results are shown in Table IIl. The maximum equi- 

*The remaining discussion involves specimens from the centre of the 

librium solubility of aluminium in the c~-Mo phase is 
about 3 at % at 1200~ [41]. However, the solubility 
of aluminium in e-Mo in as-cast MS20 is about 
10at% A1 presumably due to the rapid quenching. 
The solubility of nickel in the c~-Mo phase does not 
show a difference in solubility from equilibrium. 

3.3.2, MS30 alloy 
The microstructure* of as-cast MS30 is shown in 
Fig. 7. No sign of transformation other than a mottled 
structure in the cells was observed as shown in Fig. 7a. 
The average cell size is on the order of 0.25#m in 
diameter, suggesting a higher solidification rate for 
MS30 than for MS20. The solidification porosity bet- 
ween the cells is probably due to the high growth rate 
associated with the rapid solidification process. 
Examining the corresponding SADP, Fig. 7b, of the 
bright-field image (BFI) in Fig. 7a, no additional 
reflections other than the fundamental reflection spots 
were detected, confirming that all the elements had 
been completely solutionized. Diffuse intensity 
around the fundamental reflections tending to maxi- 
mize in ( 1 1 0) was also observed. Although this could 
be due to thermal scattering [41], it is more likely due 
to the presence of short range order in the fc c matrix. 
Weak but sharp intensity maxima shown in Fig. 7b 
were not observable on the microscope screen. Since 
they do not have systematic regularity in the recipro- 
cal lattice, it is not possible to identify them by index- 
ing. They are believed to come from either specimen 
contamination or from adjacent grains having a 
similar zone axis. At any rate these intensity maxima 
do not represent a sign of transformation. It is 
interesting that {1 1/2 0} intensity maxima which 
have been observed after solution treatment followed 
by water quenching in binary Ni-Mo alloys [42, 43] 
and in a ternary Ni-AI-Mo alloy [26, 17] were not 
observed in this alloy. This is due to the very high 
cooling rate obtained by the CBMS process which 
restricts the development of short range ordering. 

Chemical analysis on the cell boundaries and on the 
mottled matrix in the cells was made and the results 
are shown in Table III. The compositional variation 

ribbon, unless otherwise specified. 

1225 



between the two areas is not significant, meaning that 
homogeneous (segregationless) solidification of MS30 
occurred in the centre region of the ribbon. 

In summary, comparing the microstructural 
features of as-cast MS30 with those of as-cast MS20, 
a marked difference is observed, in that by applying 
higher wheel speed, the solidification rate is enhanced 
as evidenced by no transformation either at cell 
boundaries or in the cells, solidification porosity, no 
solute segregation, and smaller cell size for MS30. 

3.3.3. MS30E alloy and MS3OCr alloy 
The microstructures from MS30E seem to be similar 
to those of MS30 as shown in Fig. 8. The average cell 
size of MS30E is about 0.3/~m in diameter, only slightly 
larger than that of MS30. However, the inset SADP in 
Fig. 8 is different from that of MS30, Fig. 7b, in that 
strong reflections at the 7'-Ni3AI superlattice pos- 
itions are consistently observed in different parts of 
MS30E. 

The alloy containing chromium, MS30Cr, shows 
quite different microstructures from those of the other 
alloys. As shown in Fig. 9a, the grains are subdivided 
into many cells and an unknown precipitate has 
formed at the cell boundaries. The cell size was 
difficult to measure because of the irregular shape 
of the grains but was estimated as about 0.4#m 
diameter. 

The ribbons that underwent slower solid state cool- 
ing have a different microstructure from the one 
shown in Fig. 9b, in that cuboidal 7' phase forms in the 
grains (note the superlattice spot as indicated by the 
arrows in the inset SADP in Fig. 9c which is missing 
in Fig. 9b) and a depleted zone around the precipitates 
at the cell boundaries and at the grain boundaries, as 
shown in Fig. 9c. Average size of the 7' precipitates is 
about 10 nm. The nature of the precipitates at both 
boundaries has not been determined unambiguously. 
The chemical compositions of the matrix and the 

T A B L E  I l l  STEM results 

Figure 8 TEM micrograph of  the cellular region in MS30E with 
inset [00 1] zone SADP. 

precipitate at the cell boundaries have been deter- 
mined and are given in Table III. However, the com- 
position of the precipitate at the boundaries is not 
reliable because of the small size of the precipitate, 
about 30 nm in diameter. 

A possible explanation for the different microstruc- 
ture of the chromium-containing alloy may be that the 
melting temperature of the eutectic alloy is increased 
by approximately 30 ~ C on addition of 10 at % Cr (see 
Table II). This increase in melting temperature, in turn 
decreases the amount of superheating of the molten 
metal by the same amount and this may cause solidifi- 
cation to start with a cellular mode rather than a 
planar mode. Another possible explanation could be 
that the addition of chromium in Ni-A1-Mo alloys 
increases the solidification range (i.e. larger difference 
between liquidus and solidus), resulting in greater 
constitutional supercooling. This, in turn, increases 
the slope of the critical gradient for planar solidifi- 
cation, so that solidification starts in a cellular mode 
rather than the planar mode. The effect of chromium 

Composit ion (at %) 

Ni A1 Mo V 

MS20 as-cast 

7-Mo at GB 6.6 4- 1.0 

Matrix 
as-cast 63.6 4- 0.3 
2h/1000~ 68.3 + 1.8 
5h/1000~ 65.1 4- 3.0 
16h/1000~ 67.5 • 2.l 
50hrs/1000~ 71.5 4- 2.5 

Matrix next to GB precipitate 

as-cast 66.6 4- 1.3 
2h/1000~ 70.1 • 2.0 
5h/1000~ 72.0 • 4.8 
16h/1000*C 75.3 • 2.3 
50h/1000~ 77.7 • 1.7 

MS30 as-east 
Matrix 64.5 4- 1.9 
GB 64.7 ___ 1.5 

MS3OCr as-cast 
Matrix 65.0 • 2.2 
Precipitate 61.9 • 1.9 

10.6 4- 0.9 80.1 4- 2.0 2.2 _4- 0.1 

24.2 _+ 1.I 10.4 4- 1.4 1.7 4- 0. I 
16.3 4- 1.5 13.6 4- 2.0 1.8 4- 0.2 
18.4 4- 1.3 14.6 _+ 3.2 1.9 4- 0.2 
17.3 4- 1.9 13.6 4- 2.2 1.7 4- 0.3 
15.0 + 2.6 11.6 4- 0.4 2.1 4- 0.2 

27.9 4- 0.6 3.7 4- 0.8 1.8 4- 0.3 
22,8 4- 2.4 4.8 4- 0.4 2.1 4- 0.1 
19.5 4- 4.0 6.4 4- 2.4 2.2 _4- 0.2 
20.0 4- 2.1 4.8 4- 0.3 1.8 4- 0.1 
15.1 4- 2.3 4.4 4- 0.9 2.3 4- 0.2 

16.4 • 2.5 17.7 4- 0.6 1.4 4- 0.6 
18.9 4- 1.4 15.3 4- 1.3 1.2 4- 0.3 

16.1 • 1.7 9.4 • 0.5 9.4 + 0.7 
13.8 4- 2.8 14.9 4- 1.9 9.2 4- 1.4 
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Figure 9 TEM micrographs of the cellular region in MS30Cr, (a) 
BFI, (b) BFI, (c) BFI of the ribbon which underwent slow solid state 
cooling: note the superlattice diffraction spots in the inset SADP in 
(c) as indicated by arrows. 

addition on destabilizing the plane front growth in 
directional solidification mentioned in [31] supports 
this proposition. 

3.4. Mic ros t ruc tu re  of a g e d  M S 2 0  
The microstructure of MS20 after ageing at 1000 ~ C 
for 2h, is shown in Fig. 10a and the corresponding 
SADP in Fig. 10b. Large e-Mo precipitates were 
observed and the orientation relationship between the 
c~-Mo phase and the matrix was determined to be; 

(0 1 1)m ]1(0 1 1)~ and [1 1 0]m 1[[2 1 i]~ 

by indexing the SADP as shown in Fig. 10c. This is the 
Nishiyama-Wassermann orientation relationship fre- 
quently observed between b c c and fc c phases. This 
orientation relationship between the plate-like ~-Mo 
and the matrix has been observed in directionally 
solidified Ni-AI-Mo alloys [44]. It is different from 
that found between e-Mo fibres and the matrix 
formed during solidification, where the e-Mo fibres 
have the Bain orientation relationship with the matrix 
((0 1 1)~ N(00 1)m, [00 1]~ I1[001]m) as reported by many 
investigators [8, 10, 12, 25]. Close examination of the 
SADP in Fig. 10b revealed diffraction spots from the 
metastable Ni3Mo (DO22) phase but attempts to ob- 
tain the DFI of this phase were unsuccessful due to the 
very weak intensity. 

5-NiMo phases was observed on ageing 2h at 
1000~ C as shown in Fig. 11. The 5 phase can be easily 
distinguished from other precipitates because of its 
finely spaced diffraction pattern as shown in the inset 
SADP in Fig. 11 which is due to its complex ordered 

orthorhombic pseudo-tetragonal cell with unit cell 
dimensions ofao = b0 = 0.9108nm, Co = 0.8852nm 
[45]. No definite crystallographic orientation relation- 
ship with the matrix has been identified. Yoshizawa 
et al. [10] have observed the 5-NiMo phase in direc- 
tionally solidified Ni-AI-Mo alloys on ageing at 
1000~ C after solutionizing at 1260~ followed by ice 
water quenching. However, in that work the 5 phase 
was not observed until after ageing for 100h at 
1000~ C because a thin wall ofT' phase formed around 

during quenching was still present, delaying the 
pseudo-peritectoid reaction (7 + ~ -+ 7' + 5). The 
early formation of 6 phase in this work is because the 
diffusion distance to form 5 phase is much reduced 
and there is no 7' surrounding the c~ phase. The 5 phase 
exhibits a faulted structure as shown in Fig. 11. 

After ageing for 5 h at 1000 ~ C, the metastable DO22 
spots still exist. The BFI shown in Fig. 12a shows the 
5 phase present at the boundaries and a precipitate- 
free zone next to the 5 phase. The inset SADP is from 
the ~ phase marked X in Fig. 12. After ageing 16h at 
1000 ~ C, the metastable DOz2 reflection disappears, as 
shown in Fig. 13. 

STEM analysis was made on the matrix between the 
plates and on the precipitate-free region next to the 

c~ phase at the boundaries as a function of ageing time 
at 1000~ The results are summarized in Table III. 
The precipitate-free region contains consistently less 
molybdenum and slightly more aluminium than the 
matrix between the e plates. This suggests that the 
precipitate-free region is 7' and the matrix between the 
c~ is 7, in accord with the reported pseudo-peritectoid 
reaction (7 + c~ --+ 7' + 5). 

4. Summary and conclusions 
l. The melting temperature and the 7" solvus of the 

MS30 alloy are 1302 and 1245.5 ~ C, respectively. The 
heat of fusion of the MS30 alloy was measured to be 
8.92 _+ 0.45kJmol -j .  The melting temperature of 
MS30E and MS30Cr were measured to be 1290 and 
1320 ~ C, respectively. 

2. The thickness of ribbon produced by the CBMS 
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Figure 10 TEM micrographs of MS20 after ageing for 2 h at 1000 ~ C, (a) BFI, (b) SADP, [0 0 1] zone, (c) indexed SADP in (b). 

process increases as the wheel speed decreases whilst 
the ribbon width is independent of the wheel speed 
and alloy composition. The ribbons, except MS30Cr 
alloy, have a solidification mode that changes from 
planar to cellular to dendritic, on going from the 
wheel side to free side of the ribbon. MS30Cr alloy 
showed only cellular solidification mode throughout 
the ribbon thickness. 

3. The solid state cooling must be considered one of 

the impor tan t  processing parameters  since the micro- 
structure o f  the r ibbon varies greatly depending upon  
the solid state cooling after solidification, even within 
a given batch o f  material. 

4. Using a high wheel speed, complete solution- 
ization o f  alloying elements in the MS30 alloy was 
possible th rough  CBMS process. However ,  the 
MS30E and MS30Cr  alloys showed some sign of  
t ransformat ion  at the cell boundaries,  indicating that  

Figure 11 BFI of 6-NiMo after ageing for 2h at 1000~ 
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Figure 12 TEM micrograph of MS20 after ageing for 5 h at 1000 ~ C 
with inset [001] zone SADP. 



Figure 13 Electron diffraction pattern after ageing for 50h at 
1000~ [00 l] zone. 

an even higher wheel speed is necessary for complete 
solutionization of these alloys. 

5. The embrittling intermetallic cS-NiMo phase was 
observed after ageing for only 2 h at 1000~ C probably 
due to the more homogeneous distribution of the 
second phases in this rapidly solidified material than 
in solution-treated directionally solidified Ni-AI-Mo 
alloys. 
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